We study the strain dependence of the magnetic anisotropy of room-temperature ferromagnetic semiconductor (Ga 1-x ,Fe x )Sb (x = 20%) thin films epitaxially grown on different buffer layers, using ferromagnetic resonance measurements. We show that the magnetocrystalline anisotropy (K i ) in (Ga 1-x ,Fe x )Sb exhibits a dependence on the epitaxial strain and changes its sign from negative (in-plane magnetization easy axis) to positive (perpendicular magnetization easy axis), when the strain is changed from tensile to compressive. Meanwhile, the shape anisotropy (K sh ) is negative and dominant over K i . Therefore, the effective magnetic anisotropy (K eff = K i + K sh ) is always negative, leading to the in-plane magnetic anisotropy in all the (Ga 1-x ,Fe x )Sb samples.
I. Introduction
Ferromagnetic semiconductors (FMSs) have attracted much attention since they exhibit both semiconducting and ferromagnetic properties, which provide a straightforward approach for integrating spin-dependent phenomena into semiconductor devices. From FMS thin films, one can inject a spin-polarized current into a nonmagnetic semiconductor using methods such as electrical spin injection [1] - [4] and spin-pumping [4] , without suffering from severe problems such as conductivity mismatch and interface roughness as seen in general ferromagnetic metalsemiconductor contacts [1] , [2] . This good compatibility with conventional semiconductor technology is very important for the realization of semiconductor spintronic devices with nonvolatile functions and low power dissipation [6] - [11] . Thus far, the mainstream studies of FMSs are based on the Mn-doped III-V FMSs such as (Ga,Mn)As. These Mn-doped FMSs, however, maintain ferromagnetic order only at low temperature (the highest Curie temperature T C is 200 K in (Ga,Mn)As [12] ) and they have strong crystalline anisotropy, which results in a difficulty to control the magnetization by nano-fabrication processing. Besides, Mn-doped FMSs are only p-type, because Mn acts as an acceptor in III-V semiconductors. These are severe drawbacks that hinder the use of FMSs in practical spintronic devices.
Recently, we found that Fe-doped narrow-gap III-V FMSs can be promising alternatives to overcome the problems of the Mn-based FMSs. By using Fe as the magnetic dopants, one can grow both n-type FMSs ((In,Fe)As [13] - [15] , (In,Fe)Sb [16] ) and p-type FMSs ((Al,Fe)Sb [17] , (Ga,Fe)Sb [18] , [19] ), because Fe atoms are in the isoelectronic Fe 3+ state and do not supply carriers. The most notable feature in the Fe-doped FMSs is their very high T C : Intrinsic roomtemperature ferromagnetism has been confirmed in (Ga 1-x ,Fe x )Sb thin films with the Fe density x > 23% [18] , and in (In 1-x ,Fe x )Sb thin films with x > 16% [16] . Therefore, these new Fe-doped FMSs are expected to be useful materials for spintronic device applications at room temperature.
In this paper, we study the growth and magnetic anisotropy (MA) of (Ga 1-x ,Fe x )Sb (x = 0.2) thin films epitaxially grown on different buffer layers and thus subjected to different epitaxial strains. MA plays an important role in controlling the magnetization of the ferromagnetic (FM) thin films, which is a fundamental operation of magnetic/spintronic devices. Understanding and controlling the MA, thus, are essential for device applications of (Ga,Fe)Sb. In the past, researchers successfully observed and controlled the MA of the III-V Mn-doped FMSs, (Ga,Mn)As [20] - [27] and (In,Mn)As [29] - [31] ferromagnetic thin films, by epitaxial strain.
These Mn-doped FMSs showed a perpendicular-magnetization easy axis under tensile strain, and an in-plane-magnetization easy axis under compressive strain. In this work, we have grown (Ga 1x ,Fe x )Sb thin films on four different buffer layers (AlSb, GaSb, In 0.5 Ga 0.5 As, and GaAs) by molecular beam epitaxy (MBE) to induce different epitaxial strains ranging from tensile to compressive, and examined its effect on the MA of these (Ga 1-x ,Fe x )Sb thin films.
We performed ferromagnetic resonance (FMR) measurements to investigate the MA fields of the (Ga 1-x ,Fe x )Sb thin films. FMR is not only one of the most efficient and powerful techniques to observe the MA [32] , but also used for spin pumping to inject spin angular momentum (spin current) from an FM material into nonmagnetic metals and semiconductors. Therefore, observing FMR in the (Ga,Fe)Sb thin films, particularly at room temperature, is a fundamental and important step to study this material as a spin injector in practical spin devices. Here, we measured the dependence of the FMR resonance field on the external magnetic-field direction and fitted a theoretical curve to the data to obtain the MA fields of the (Ga,Fe)Sb thin films. We performed careful analyses of the MA to separate the shape anisotropy (K sh ), which is due to the dipole-dipole interactions, and the magnetocrystalline anisotropy (K i ), which is due to the spinorbit interactions, and discussed the effect of epitaxial strain on these two components.
II. Sample growth and characterizations
We have grown a series of four samples A-D of p-type FMS (Ga,Fe)Sb thin films on semiinsulating GaAs (001) substrates by low temperature molecular beam epitaxy (LT-MBE), whose growth parameters are given in Table I . The schematic structure of our samples is shown in Fig.   1 (a). In samples A, B, and C, on a semi-insulating GaAs (001) substrate we first grew a 100-nmthick GaAs layer at a substrate temperature T S = 550 o C to obtain an atomically flat surface, next we grew a 10-nm-thick AlAs layer at the same T S . Then, we grew a thick buffer layer, which is a bright and streaky, thereby indicating good two-dimensional growth of a zinc-blende crystal structure. In this way, we obtained high-quality (Ga,Fe)Sb thin films, whose quality is better than that of our previous reports [18] , [19] , because we optimized the MBE growth conditions: The properties of (Ga,Fe)Sb depends on the Sb pressure during the MBE growth and we found that by keeping a higher Sb 4 pressure at 7.8 10 -5 Pa in the MBE growth chamber before Ga and Fe fluxes were supplied, we obtained high T C > 300K in (Ga 1-x ,Fe x )Sb with an lower Fe concentration of x = 20% (this is an improvement from our previous reports [18] , [19] ).
We characterized the crystal structures and lattice constants of all the (Ga,Fe)Sb thin films and buffer layers by x-ray diffraction (XRD). Figures 2(a) -2(d) show the XRD results of samples A-D, respectively. All the samples show a sharp GaAs (004) peak. In samples A, B, and C, there is a broader peak which can be deconvoluted into two Gaussian peaks corresponding to the buffer layer and (Ga,Fe)Sb (004). In sample D, the (Ga,Fe)Sb (004) peak can be clearly seen.
From the peak positions, we estimated the intrinsic lattice constants of (Ga,Fe)Sb (a GaFeSb ) and of the buffer layer (a buffer ) [33] . We define the epitaxial strain ε as a GaFeSb a buffer a GaFeSb ×100 % . As listed in Table I , the estimated values of ε indicate that the (Ga,Fe)Sb films can have both tensile and compressive strains when they are grown on different buffer layers. Here, samples A (ε = -1.7%, AlSb buffer layer) and B (ε = -0.1%, GaSb buffer layer) have tensile strain, whereas samples C (ε = 0.23%, In 0.5 Ga 0.5 As buffer layer) and D (ε = 3.84%, GaAs buffer layer) have compressive strain. These results demonstrate that we can systematically vary the epitaxial strain of (Ga,Fe)Sb in a wide range, from tensile to compressive, by growing it on appropriate buffer layers.
Next, we characterized the magnetic properties of all the samples using magnetic circular dichroism (MCD) spectroscopy and superconducting quantum interference device (SQUID) magnetometry. As shown in Figs. 3(a)-3(h), the magnetic-field dependences of MCD (MCD -H curves) show clear hysteresis, and the Arrott plots indicate that T C is higher than 320 K in all the samples. To estimate the exact value of T C , we measured remanent magnetization versus temperature (M -T) curves up to 400 K [33] . It is shown that the remanent magnetization is still present even at 400 K. We have also measured magnetization hysteresis (M -H) curves at 400 K as shown in Figs. 4(a)-4(d), in which we can see clear remanent magnetization. Therefore, T C is higher than 400 K. These results prove that the room-temperature ferromagnetism is obtained in all the four (Ga,Fe)Sb samples with the Fe concentration of 20%. . These results show that the easy magnetization axes of the (Ga,Fe)Sb thin films lie in the in-plane direction in all the four samples regardless of the different epitaxial strains. We note that the same results were obtained from the M -H curves measured using SQUID at room temperature. Also, we observed a tendency that the saturation magnetization decreases with increasing ε, which can be attributed to the degradation of the crystal quality of the films due to the buffer layer. The crystal quality change is observed in the linewidths in the ferromagnetic resonance (FMR) spectra, which is discussed in Section III.
III. Experimental setup of ferromagnetic-resonance (FMR) measurements and theoretical model
We used a Bruker electron paramagnetic resonance (EPR) spectrometer for performing FMR measurements at 9.066 GHz. As shown in Fig. 1(b) , in our FMR measurements, the microwave radio frequency (rf) magnetic field (h) is applied along the 1 10 axis in the film plane and the direct-current (dc) magnetic field H is rotated from the [110] direction (in the film plane) to the [001] direction (perpendicular to the film plane). Initially, we cut the sample into a 3×1 mm size piece with edges along 1 10 (3 mm) and 110 (1 mm). Then, we put it on the center of a quartz sample rod and placed it inside the center of the microwave cavity that resonates in the TE 011 mode, where h and rf electric field (e) are largest and smallest, respectively. The FMR spectrum was then measured by sweeping the magnitude of H. The magnetic-field derivative of the microwave absorption was obtained by superimposing an alternating-current (ac) magnetic field H ac (1 mT, 100 kHz) parallel to H. Figure 1 All the samples were measured under a microwave power P = 200 mW at 300 K. We note that the raw FMR spectra of all the samples included background signals, which were separately detected by measuring the FMR spectra without samples and then subtracted from the raw data [33] .
In the FMR experiments, the total magnetic moment M precesses around the direction of the external magnetic field at the Larmor angular frequency ω. Microwave absorption occurs when the microwave angular frequency coincides with ω. This precessional motion of the magnetization is described by the well-known Landau-Lifshitz-Gilbert (LLG) equation as shown in Eq. (1),
where the first term on the right side shows the precessional motion of the magnetization and the second term represents damping [34] , [35] . Here, γ = gμ B /ħ is the gyromagnetic ratio, where g, μ B , and ħ are the g-factor, Bohr magneton, and reduced Planck's constant, respectively, and
is the damping coefficient, where G and M S are the Gilbert coefficient and saturation magnetization, respectively; H eff represents the effective magnetic field which includes the rf microwave magnetic field, the demagnetizing field (shape anisotropy field), and the magnetocrystalline anisotropy field. To determine the FMR condition, we used the first term of Eq. (1). In our case, the free energy density E is expressed as the summation of the magnetocrystalline anisotropy energy (E i ), the shape anisotropy energy (E sh ), and the Zeeman energy (E Zeeman ). In our model, we assumed that E i depends only on the out of plane magneticfield angle (θ H ), because the in-plane magnetic-field angle (Ф H ) dependence of FMR was almost isotropic in all the (Ga,Fe)Sb samples (data not shown). The following Eq. (2) shows the modified expression for E,
where E i and E sh are combined into the effective magnetic anisotropy energy E eff (=E i + E sh ). The corresponding effective magnetic anisotropy constants of E i , E sh , and E eff are denoted as K i , K sh , and K eff (=K i + K sh ), respectively. K sh is given in Eq. (3).
From Eq. (2), the in-plane (perpendicular) magnetic anisotropy corresponds to negative (positive) signs of K eff [34] , [36] . The resonance field (μ 0 H R ) of the FMR spectrum is determined by the resonance condition given by the Smith-Beljers relation [37] , [38] expressed as Eq. (4).
where Ф M is defined as the in-plane magnetic-field angle [33] . Here, θ M and Ф M at the resonance condition are determined by the two equations of ∂E/ M 0 and ∂E/∂Ф M 0. However, in our case, because the dependence of FMR on Ф M was almost isotropic, we used only ∂E/ M 0. Using Eq. (2), this condition is expressed as Eq. (5).
Here, μ 0 M eff is the effective magnetic field which is expressed as
is the magnetocrystalline anisotropy field. From Eqs. (2) and (4), we obtained the following fitting equation [33] .
Eqs. (5) and (6) were simultaneously solved numerically to obtain the theoretical value of μ 0 H R and θ M , where γ (or g-factor) and μ 0 M eff are fitting parameters. Using the μ 0 M s values obtained from the SQUID measurements, we first estimated K sh , and then estimated K i
Finally, K eff (= K i + K sh ) was estimated for all the samples.
IV. Results and discussions
The Table I .
In Table I , one can see that μ 0 M eff tends to decrease when the strain is changed from tensile (sample A) to compressive (sample D). This means that μ 0 M eff which carries information of the magnetocrystalline anisotropy depends strongly on the epitaxial strain of the (Ga,Fe)Sb thin film. In all the samples, the magnitude of K sh is one or two orders of magnitude larger than K i , indicating the dominance of the shape magnetic anisotropy in the MA properties of (Ga,Fe)Sb. The strong shape anisotropy is due to the large μ 0 M S of (Ga,Fe)Sb even at room temperature.
The magnetocrystalline anisotropy constant K i , though small, shows a systematic dependence on the strain ε. As shown in Fig. 8(a) , when the strain is changed from tensile (ε = -1.7%) to compressive (ε = +3.84%), the magnitude of K i increases and changes from negative (in-plane anisotropy) to positive (perpendicular anisotropy). These results indicate that it is feasible to control the magnetocrystalline anisotropy of (Ga,Fe)Sb thin films by using epitaxial strain.
Meanwhile, K sh is always negative as shown in Fig. 8(b) , making K eff always negative (in-plane magnetic anisotropy) as shown in Fig. 8(c) . As a result, all the (Ga,Fe)Sb thin films examined here have in-plane magnetic anisotropy. These results of (Ga,Fe)Sb are contrasting to those of (Ga,Mn)As in the following two points: (i) In (Ga,Mn)As, K i is large (magnetocrystalline field H i is ~ several 1000 Oe [20] ) and dominates MA, but (Ga,Fe)Sb shows small H i ~ 100-300 Oe (listed in Table I ) and possesses a very large K sh . (ii) In (Ga,Mn)As compressive (tensile) strain leads to in-plane (perpendicular) magnetic anisotropy, but in (Ga,Fe)Sb tensile (compressive) strain leads to in-plane (perpendicular) magnetic anisotropy, thus the strain effect is opposite.
Therefore in (Ga,Fe)Sb, the shape anisotropy should be utilized to control the in-plane magnetic anisotropy.
V. Conclusion
We have successfully grown a series of (Ga,Fe)Sb thin films with the Fe concentration of 20% on different buffer layers, AlSb, GaSb, In 0.5 Ga 0.5 As, and GaAs, which all exhibit roomtemperature ferromagnetism. The epitaxial strain ε in the (Ga,Fe)Sb layers was gradually varied over a wide range from -1.7% (tensile strain) to +3.84% (compressive strain). We observed clear FMR signals in (Ga,Fe)Sb at room temperature (this is the first observation of FMR in III-V based FMSs at room temperature), and determined the magnetic anisotropy constants. We found that the magnitude of K i is weak and shows a monotonous dependence on the strain. By changing the strain from tensile to compressive, K i changed from negative (in-plane magnetic anisotropy)
to positive (perpendicular magnetic anisotropy). Meanwhile, K sh was always negative and is dominant over K i , leading to negative K eff (in-plane magnetization) in all the samples. This study suggests that the easy magnetization axis of (Ga,Fe)Sb can be controlled by changing the shape anisotropy.
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